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ABSTRACT: The mechanical behavior of styrene/butadiene triblock copolymers and their blends with high
molecular weight polystyrene (PS) homopolymer was studied. Symmetric triblock copolymers with two PS end
blocks of equal length (SBS) were compared with asymmetric triblocks with end blocks of different lengths
(S1BS2) and with asymmetric triblocks comprising a styrene/butadiene composition gradient in the middle block
(S1GS2). The precise molecular architecture of these copolymers and its role on morphology and properties
were described elsewhere (Macromolecules 2007, 40, 2432.). Here, immiscible blends of these copolymers with
long PS chains are discussed. While solvent casting yields the expected phase separation, melt extrusion produces
tough and transparent blends with metastable submicrometer scale dispersions of soft microdomains highly
controlled by processing. The particular molecular architecture of gradient asymmetric triblocks significantly
improves ductility of these nanostructured blends. The volume fraction of soft microdomains extracted from
dynamic mechanical data is identified as a universal parameter that controls tensile behavior of the different

blends studied.

I. Introduction

The high strength, optical clarity and low cost of polystyrene
(PS) make it one of the most attractive thermoplastic polymers.
Most solutions developed to improve toughness of this brittle
polymer rely on the controlled dispersion of micrometer-sized
particles of a soft polymer like polybutadiene (PB) in the PS
matrix."*> PS and PB are immiscible, and their blends phase
separate into PS-rich an PB-rich phases. Even though the high
shear forces involved during melt processing can break up and
disperse a minority PB phase into small droplets, these will most
likely coalesce after cessation of shear. The macroscopic PB
dispersion that ensues provides little improvement to toughness
and yields poor mechanical properties, as is the case for most
immiscible polymer blends.?

By far the most successful approach to control PB domains
and disperse them effectively in a PS matrix is encountered in
high impact polystyrene (HIPS). Here, the free radical polym-
erization of styrene is carried out in presence of PB chains which
act as initiators. During the reaction, PS homopolymer chains
form as well as PB-g-PS graft copolymers. This results in a
multiphase material structured at various length scales and that
consists of micrometer-sized PB droplets with a complex inner
structure of PS inclusions (salami particles) stabilized by styrene/
butadiene graft copolymer chains.*> The latter have the dual
benefit of reducing coalescence and promoting adhesion of PB
particles to the PS matrix."* Under load, the salami particles
act as multiple stress concentrators that nucleate plastic defor-
mation throughout the PS matrix.® They also hamper the growth
of large crazes that would lead to catastrophic failure. The
particular HIPS dispersion offers optimal toughness for limited
softening—the typical trade off for rubber toughening. Unfor-
tunately, the rubber particle size and their low index of refraction
(np(PB) = 1.515 and np(PS) = 1.591 at 25 °C’) ruin optical
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transparency of polystyrene.” In order to obtain a transparent
toughened PS, it is necessary to reduce the soft inclusions size
below a few tens of nanometers in a controlled fashion. An
attractive solution, originally designed for PS*® and that recently
found applications in other thermoplastics, relies on the self-
assembly of rubbery/glassy block copolymers in the brittle
matrix.”'® Block copolymers comprise two or more different
polymer chains (blocks) covalently linked together. Incompat-
ibility between the blocks yields molecular-scale (typically a
few tens of nm) self-assembly into different mesophases dictated
by blocks length and arrangement within the copolymer. The
effect of composition, molecular weight and architecture as well
as temperature on self-assembly of model block copolymers and
their blends with one or two homopolymers has been the subject
of numerous studies. Mechanical behavior of rubbery/glassy
linear and star copolymers like those of styrene and butadiene
or styrene and isoprene have also been widely reported and their
deformation mechanisms have been discussed as a function of
copolymer morphology and molecular architecture.''~'® Yet in
many applications, the ability to tune mechanical properties of
a toughened polymer by changing the ratio of its components
in a blend rather than synthesizing a new macromolecule for
each specific requirement is highly desirable. S/B block
copolymers are thus rarely used pure but in blends with PS
where they serve as toughening additives of the brittle matrix.
Schwier et al.'"* showed that blending SB diblock copolymers
with PS homopolymer increases toughness. They further showed
that this increase is directly related to the amount of rubber
introduced as well the total molecular weight of the copolymer
used.

In a departure from these model systems, however, the
copolymers used in practice to toughen PS are characterized
by an important degree of molecular disorder, artificially
introduced during anionic synthesis through composition gra-
dients along the chain and blending or partial coupling of
different copolymers chains.>®?° This level of disorder is
apparently key to achieve the desired PS/copolymer blend
morphologies and properties in short processing times. The
microstructure of the diene block, which controls thermal
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Figure 1. TEM micrographs illustrating the film morphology of S1GS2,
S1BS2, and SBS extruded for 3 min at 180 °C and pressed at 170 °C.
The bottom graph gives stress—strain curves obtained at room tem-
perature and at a testing speed of 7 x 1073 s™! on dog-bone shaped
specimens cut from these films.

stability and glass transition of the copolymer soft domains, is
an important parameter which can be adjusted during synthe-
sis.?® Likewise, B/S compositional gradients along the chain
are introduced by anionic copolymerization of S and B
monomers in presence of small amounts of a randomizer such
as tetrahydrofuran®® or soluble potassium salts.”* > These
gradient blocks result in gradual interfaces between soft and
hard microdomains which are thought to substantially improve
toughness.?® Several experiments and calculations on composite
model systems indeed show that having a gradual change in
mechanical properties between two components reduces stress
at the interface and improves interfacial adhesion.”* Although
most of the observations on “Functional Graded Materials”
(FGM) have been carried out in systems with larger dimensions,
it seems reasonable to assume that gradient interfaces between
blocks of a copolymer will also enhance mechanical properties.
In a recent series of papers,”> ' Michler and co-workers studied
PS-rich S/B linear and star block copolymers of various
architectures, some of which contained gradient rubbery middle
blocks. Although its effect could not be clearly isolated from
other architectural parameters, the gradient block was presented
as one of the important features controlling self-assembly® and
mechanical properties®® of these copolymers and their blends
with polystyrene.?’ 3!

In this work, three kinds of triblocks with constant styrene
content (~72 wt % PS) but different molecular structures are
considered: the first one is a regular symmetric triblock denoted
SBS. The other two are asymmetric in that their PS end blocks
have different lengths. One has a pure PB middle block (S1BS2)
while the other one has a gradient middle block initially rich in
butadiene (S1GS2). These architectural features, namely PS end
blocks asymmetry and the gradient middle block, were previ-
ously quantified by kinetic modeling of synthesis conversion
data and were shown to have a dramatic impact on equilibrium
self-assembly and interfacial curvature of these copolymers.*?
SBS indeed adopts a cylindrical morphology expected based
on composition, while SIBS2 and S1GS2 are both lamellar.
Melt-extrusion performed on a laboratory-scale microcom-
pounder highly disrupts this equilibrium self-assembly which
is invariably replaced by bicontinuous-like morphologies lacking
long-range order, as illustrated on the top of Figure 1.*? Yet,
tensile specimens cut from extruded and pressed films of these
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Table 1. Molecular Characteristics of Materials Studied

Dps (vol %) M, (kg/mol) PDI T morphology
S1GS2 71 121 1.04 0.25 lamellar
S1BS2 71 112 1.08 0.15 lamellar
SBS 77 121 1.18 0.5 cylindrical
PS100H45 100 100 2.11

“ Overall styrene volume fractions calculated from the weight fractions
determined by '"H NMR and mass densities for PS and PB of 1.05 and 0.95
g/cm’, respectively. ” Absolute molecular weights determined by SEC using
an internal calibration for these copolymers.

copolymers reveal substantial differences in mechanical behav-
ior among the three pure triblock copolymers despite their
identical molecular weights and comparable styrene contents.
The stress—strain curves of Figure 1 indeed show a spectacular
increase in ductility brought by end-blocks asymmetry and the
gradient middle block, as previously reported by Adhikari et
al. for similar copolymers.> In this work, we further investigate
the toughness enhancing effect of these architectural features
in a priori immiscible blends of these copolymers with high
molecular weight polystyrene. The role of melt-processing on
the establishment of meta-stable submicrometer scale copolymer
dispersions in these blends is discussed. The total volume
fraction of dispersed soft microdomains, extracted from low
strain dynamic mechanical data, is identified as a key parameter
that controls the ultimate strain to break. This soft phase content
changes with testing temperature and is highly controlled by
copolymer architecture. The boosting effect of a gradient rubbery
block is clearly demonstrated.

I1. Experimental Methods

Characteristics of the linear S/B triblock copolymers used in this
work are listed in Table 1. All copolymers were prepared by batch
living anionic polymerization in cyclohexane as described else-
where.? The gradient copolymer S1GS2 was prepared in two steps:
a first homopolymerization of pure blocks S1 followed by copo-
lymerization of S and B to yield a gradient initially rich in B and
terminated by pure blocks S2 when all B monomers are consumed.
Gradient composition profiles along the chain as well as final
molecular structure were quantified by modeling conversion data
with a simple kinetic model based on the Markov approach.
Asymmetry, defined as the ratio = S1/S1 + S2 for S1BS2 and
S1GS2, is also given in Table 1. All three copolymers were blended
with a polystyrene homopolymer, PS100H45, provided by TOTAL
Petrochemicals and prepared by free radical polymerization. Its
molecular characteristics are also listed in Table 1. This PS
contained 4.5 wt % mineral oil, as usually done in practice to
improve processing.

Two types of blends were studied. Dilute solutions of the desired
amount of copolymer and PS were first prepared in toluene (~5
wt % solutions) and cast into Teflon molds. Solvent was allowed
to evaporate slowly at room temperature for about 2 weeks. The
resulting films, ca. 0.3 mm thick, were dried for a few hours under
vacuum at 60 °C and then annealed for 48 h at 180 °C. Although
not representative of the methods used in practice, solvent casting
was chosen to probe the thermodynamic compatibility between PS
and the copolymers studied. Direct melt blending was also
performed by shearing the copolymer/PS crumbs mixture at 180
°Cina 15 cc DSM twin screw microcompounder equipped with a
recirculation valve. After three minutes of blending at a screw
rotating speed of 60 rpm, the recirculation valve was opened and
the blend was extruded through a cylindrical die, 0.3 cm in diameter,
and air-quenched to room temperature. The obtained extruded
strands were pressed into films, ~0.6 mm thick, in a Carver
hydraulic press at 170 °C for 20 s. Aluminum spacers were used
to control film thickness. Tensile specimens with a gauge length
of 25 mm were punched along the extrusion direction from these
pressed films.

Uniaxial tensile tests were carried out at 25 and 45 °C and at a
strain rate £ of 7 x 1073 s™! on an Instron 5564 tensile testing
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Figure 2. TEM micrographs of solvent cast and annealed films of (a)
S1GS2, (b) a 40 wt % blend of SIGS2 in PS100H45, (c) as in part b
after being subjected to extrusion for 3 min at 180 °C, (d) as in part ¢
after subsequent annealing at 180 °C for 48 h.

machine. Experiments at 45 °C were performed in an environmental
oven with temperature control. At least three specimens were tested
for each sample and at each condition. All stress vs strain curves
shown below give the engineering stress, i.e., that defined with
respect to the initial cross section of the specimen. The small strain
tensile behavior of the blends was also measured on a DMA 2980
dynamic mechanical analyzer from TA instruments. Rectangular
bars, L x [ = 20 x 5 mm, were machined out of extruded and
pressed films and placed in a sample holder operated in tension.
Samples were tested under a 0.1% sinusoidal tensile strain applied
at a frequency of 1 Hz from —120 to +130 °C at a heating rate of
2 °C/min.

Stability of extruded blend morphologies was studied by record-
ing optical transparency at different temperatures under a Leitz
Orthoplan microscope equipped with a 12V halogen lamp and a
Mettler FP82 heating stage. Transmitted light intensity was detected
using a BPW 34 photodiode. Transmission was reported relative
to the initial transparency of the specimen. A nitrogen gas purge
was used at all times to avoid degradation of the polymer films.

Sections for transmission electron microscopy (TEM) were
ultracryomicrotomed on a Leica Ultracut apparatus at —100 °C.
Sections, ca. 50 nm thick, were collected on copper grids prior to
exposure to OsOy4 vapor for 45 min. This selectively stains PB
segments over PS ones. TEM was carried out on a Zeiss electron
microscope operated at 80 kV and equipped with a digital camera
from Soft Imaging Systems. Sections from extruded samples were
cut perpendicular and parallel to the extrusion direction.

II1. Results

IIL.1. Block Copolymer Dispersion. All solvent cast and
annealed blends of PS100H45 with the triblocks listed in Table
1 were phase separated at the macroscopic scale. Parts a and b
of Figure 2 illustrate this for the asymmetric gradient triblock
S1GS2 (Figure 2a) and its blend with 60 wt % PS100H45
(Figure 2b). The right TEM micrograph reveals the presence
of micrometer-sized regions of almost pure copolymer adopting
the lamellar morphology of Figure 2a in a matrix of almost
pure PS. Such immiscibility was expected based on the high
molecular weight of PS100H45 compared with PS blocks of
the copolymers.>** These blends are brittle and distinctly
opaque as a result of the domain size and differences in index
of refraction of PS and PB.

In contrast, blends obtained by melt extrusion were all
transparent and substantially tougher than neat PS. Morphologies
of these blends differ dramatically from the near equilibrium
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Figure 3. Time-evolution of light transmission and morphology during
annealing at 180 and 240 °C for a film of the 40/60 S1GS2/PS100H45
blend.

morphology illustrated above. Figure 2c¢ shows a TEM micro-
graph of the 40/60 blend of S1GS2 and PS100H45 extruded at
180 °C. Mixing time, i.e., the time spent by the blend in the
microcompounder with the recirculation valve closed, was 3
min. After these 3 min, the valve was opened and the blend
was extruded through the cylindrical die and subsequently air-
cooled. The large copolymer domains observed above are no
longer present in this blend. Instead, randomly placed PB
nanodomains with no long-range order are homogeneously
dispersed throughout the PS matrix. These resemble micelles
or broken fragments of lamellar nanodomains whose charac-
teristic size is still controlled by the block copolymer architec-
ture. This obviously nonequilibrium morphology yields trans-
parent materials that, as discussed in more detail below, have
good mechanical properties. The impact of mixing time and
extrusion temperature as well as the stability of these submi-
crometer scale dispersions is presented first.

Except in the limit of no recirculation at all, mixing time
was found to have no measurable impact on the nature of the
dispersion. Temperature, on the other hand, largely controls its
size-scale. Although macroscopic phase separation was never
obtained, higher extrusion temperatures systematically yielded
coarser dispersions. This was attributed to the two following
effects: higher melt temperatures mean lower viscosities and
thus lower resulting shear forces for mixing. They also result
in longer cooling times before freezing below T, ps, giving more
time for coalescence of the copolymer dispersion prior to
quenching. In what follows, all blends were thus extruded under
identical conditions, namely at a melt temperature of 180 °C
and after 3 min of mixing. Although not shown here, dispersions
entirely similar to that shown in Figure 2c were observed for
all copolymers.

As suggested by the contrasting blend morphologies of Figure
2, parts b and c, extrusion produces out of equilibrium
dispersions that are trapped upon air-cooling of extruded strands.
These spontaneously evolve toward phase separation when
reheated above Ty ps in the absence of shear. This is illustrated
in Figure 2d for the 40/60 S1GS2/PS100H45 blend annealed
under vacuum for 24 h at 180 °C after melt processing. Although
macroscopic phase separation is far from complete, well-defined
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Figure 4. Stress—strain curves of S1GS2/ PS100H45 blends of different compositions. Insets show a zoom on the low deformation part of the
curves.
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Figure 5. Photographs of tested specimens of S1GS2/PS100H45 blends
with (a) 50 wt % and (b) 75 wt % S1GS2. (c) Strain to break as a
function of copolymer content for the same blends. Symbols indicate
the number of samples that formed a neck during testing (x) compared
to those which did not (O).

lamellar regions start to form around pure PS regions. This
evolution of morphology is also accompanied by a strong
alteration of optical transparency and the sample becomes
progressively cloudy. This feature can be used to quantify the
kinetics of coalescence and its dependence on temperature by
optical microscopy. Figure 3 shows the time evolution of
transmitted intensity for an extruded and pressed film of the
40/60 S1GS2/PS blend at two different temperatures. While it
takes about 30min to fall below 70% of the original transmit-
tance at 180 °C, it takes less than 5 min to fall below 40% at
240 °C. The obtained morphologies at ~2 h (180 °C) and at 3
and 50 min (240 °C), respectively, are illustrated as insets on
Figure 3. From these results, it is manifest that morphology of
these long PS/copolymer blends is largely controlled by kinetics.
Processing conditions are thus expected to play an important
role on final optical and mechanical properties of these nano-
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Figure 6. Evolution of Young modulus (a) and strain to break (b) with
copolymer content in blends of indicated copolymers with PS100H45.

structured materials. While the high shear and elongational
forces developed during melt processing are largely able to
disperse block copolymers in the long PS homopolymer matrix,
these dispersions are only preserved if the blend is rapidly
quenched after processing. Similar suppression of macrophase
separation by processing was previously reported by Yamaoka
for SB/poly(methyl methacrylate) blends®> and by Adhikari et
al. for S/B linear*’® and star** ' copolymers blended with a
PS twice shorter than the one studied here. In the latter studies,
however, injection molding was found to produce partially
macrophase separated structures and injected tensile specimens
were opaque. This is probably due to the different force field
exerted on the melt as well as more extensive coalescence upon
slow cooling from a higher melt temperature (~225 °C) than
the one used here for extrusion. In the present study, all
mechanical measurements were obtained on extruded and air-
quenched strands subsequently pressed promptly into films at
170 °C. It was verified that this final step did not alter the
dispersion of PB-rich nanodomains in the PS matrix obtained
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Table 2. Tensile Properties, T,’s and Soft Phase Content of Pure Copolymers

E (MPa) oy (MPa) e (%) Ty 0" (°C) T ps”(°C) Osoft, 25 °c(%) Psoft, 45 °c(%)
S1GS2 337+ 10 13.44+0.2 691 £ 10 —45 108 58 62
S1BS2 576 £ 10 19.8 £ 0.1 346 + 60 -89 111 40 45
SBS 807 £ 6 31.1+0.5 27 £ 10 -91 112 23 27
PS100H45 1459 + 40 3.0+0.1 110 0 0
“ Determined from the maximum of tan 0.
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copolymers with PSI00H45.

after extrusion (Figure 1). This type of dispersion should be
relevant for most sheet and film applications of these blends.
Of course, it will be less relevant for thick injected parts for
which cooling rate variations across the specimen thickness
might result in coarser dispersions in the center and finer ones
at the edges. This in turn will substantially alter optical and
mechanical properties of injected specimens, not studied here.

II1.2. Tensile Behavior of Nanostructured PS/Copoly-
mer Blends. Solvent cast and annealed blends of these
copolymers with PS100H45 were all opaque and displayed
highly deteriorated properties compared to neat copolymers
and PS. In contrast, extruded (nanostructured) blends of
PS100H45 with increasing fractions of S1GS2 became increas-
ingly ductile. Figure 4a shows the stress/strain curves of a series
of blends containing up to 50 wt % of this copolymer. The
addition of 15 wt % S1GS2 (the lowest concentration studied)
is already enough to confer a ductile behavior to the brittle PS
matrix. This manifests itself in the appearance of a clear yield
point and a strain at break substantially higher than that of pure
PS. The higher breaking stress of this blend compared to pure
PS reflects the brittleness of PS which does not reach its yield
point under the testing conditions used here. The strain at break
of the blends progressively increases with copolymer content,
while elastic modulus and yield strength monotonically decrease.
Surprisingly, while the latter both decrease linearly, the change
in strain to break is far from linear. This can be seen in Figure
4b which shows the evolution of stress/strain curves of the
blends over a larger range of copolymer contents. The strain to
break increases dramatically between 60 and 75 wt % copoly-
mer, and this is accompanied by a macroscopically observable
change of deformation mechanism. Above 60 wt % copolymer,
a drop in tensile stress following the yield point is accompanied

0 10 20 30 40 50 60

soft volume fraction

Figure 8. Evolution of strain to break with copolymer content (a) and
volume fraction of soft microdomains (b) in blends of S1GS2 with
PS100H45 at 25 and 45 °C.

by the formation of a macroscopic stable neck, as was observed
for the pure copolymers S1BS2 and S1GS2. No whitening
occurs except locally at the very last instant before failure.
Below 60 wt % copolymer, all blends whiten heavily upon
stretching and this whitening is not accompanied by a visible
neck formation. This would suggest that cavitation and/or
crazing typical for toughened PS is the dominant mechanism
at low to intermediate copolymer fractions, while a shear
yielding mechanism that allows the formation of a stable neck
might be active at higher copolymer fractions. A tested specimen
with 50 wt % S1GS2 is shown in Figure 5a. Whitening over
the whole gauge length is clearly visible. Figure 5b shows a
specimen with 75 wt % S1GS2. The larger strain at break of
this blend can be appreciated on the picture, as well as the stable
growth of the neck. The observed transition between these two
types of behavior is not sharp. At intermediate compositions
(60 wt % copolymer for S1GS2/PS blends), part of the
specimens tested formed a neck while the rest did not. In fact,
the number of specimens not forming a neck systematically
decreases as copolymer content increases. The plot in Figure
Sc illustrates this by showing the strain to break vs copolymer
content for SIGS2/PS blends. The observed behavior (neck or
no neck formed) is reported as indicated for each blend
composition. Below 60 wt % copolymer, none of the samples
formed a neck. At 60 wt %, two out of five did and above 68
wt %, all of them did. This apparent broad transition can also
be observed in the relatively large dispersion of strain to break
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Figure 9. TEM micrographs for a series of blends of PS100H45 with
increasing and indicated amounts of SIGS2. All micrographs were
obtained on ultrathin sections (maximum 50 nm) to avoid excessive
superposition of microdomains in the 2D-projection.

at 68 and 75 wt %. At these concentrations, several specimens
failed at low strains even though they formed a neck. By 80 wt
% S1GS2, necking became stable, and the dispersion in strain
to break is significantly narrower.

Entirely similar trends in mechanical behavior were observed
for blends of PS100H45 with S1BS2. Yet, for a given amount
of copolymer added to PS, the ductility enhancement achieved
with S1BS2 is far inferior to that achieved with S1GS2. Very
high strains to break (over 100%) were not achieved in S1BS2
blends until 90 wt % copolymer. This is summarized in Figure
6 which shows the evolution of strain to break and modulus
with copolymer content for blends of PS100H45 with S1BS2
and S1GS2. Blends of PS with SBS were not studied since the
neat copolymer was not sufficiently ductile by itself. The above-
mentioned transition from “ductile” to “highly ductile” materials
can be clearly observed for each type of blends. For S1GS2/
PS100H45 blends, it occurs around 70 wt % copolymer, while
a higher fraction of 90 wt % copolymer is needed with S1BS2.
Other tensile properties such as modulus and yield strength of
these blends vary linearly with copolymer fraction, as shown
in Figure 6b. The curves for SIGS2 and S1BS2 blends have
slightly different slopes and differ mostly at higher copolymer
compositions where the inherent difference in modulus of the
pure copolymers is strongly felt. This observed linear depen-
dence of modulus with composition corresponds well with
previous observations by Adhikari et al. on blends of PS with
copolymers of similar molecular architecture.?® Yet, the overall
behavior of the blends studied here is significantly different.
Their samples only showed very limited deformation (~11%)
even for blends containing as mush as 80 wt % copolymer. At
this concentration, S1GS2/PS blends have already reached a
strain to break of about 400%. This difference might be due to
the different processing conditions used to prepare the blends
studied by Adhikari and co-workers. As explained above, these
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were injection molded at high temperatures (~225 °C), which
is expected to have a strong impact on the size-scale of
copolymer dispersion. This is supported by the observation that
some of their blends were cloudy after processing.® In addition,
intrinsic differences in the molecular characteristics of the PS
homopolymer and copolymers studied, such as total molecular
weight, individual block lengths and the shape of the gradient
middle block—not known for the cited references—might also
be responsible for these differences.

IV. Discussion

The results presented above show how two of the three
copolymers investigated here can be effectively used to toughen
a PS matrix consisting of long homopolymer chains while
preserving its optical transparency. This requires melt-blending
at high shear rate to overcome the nonzero surface tension
between stretched PS blocks and the long PS homopolymer
chains used.*® The surface tension between a grafted layer of
symmetric copolymer chains and long homopolymer chains can
be estimated according to:*’

AFvlakT = 0.926;"" N~ €]

where v is the specific monomer volume, a is the average
segment size, y is the Flory—Huggins segmental interaction
parameter between the different blocks and N is the polymer-
ization index of copolymer chains. The correct N to be
considered here is half the total triblock length, i.e., 740 for
S1GS2.%? For vsp = 82 cm3/mol, a = 0,65 nm>® and an effective
% parameter between PS blocks and S/B gradient blocks
previously estimated to be 0.017 at 180 °C,** eq 1 yields an
estimated surface tension AF of about 10~* N/m. Under shear,
the smallest theoretical radius of dispersed copolymer particles
can then be estimated according to:**

R=2E @)
ny

where # is the PS matrix viscosity at given T and shear rate y.
At 180 °C and for 7 =~ 10 s~! (the estimated shear rate in our
twin-screw microcompounder), 7psioonss is about 10 Pa-s,*°
yielding a theoretical radius R on the order of 10 nm. Clearly,
this is the size of most copolymer droplets observed in our
extruded blends (Figure 2c). More elongated objects are also
visible, which should result from coalescence into copolymer
bilayers. Their low concentration indicates that dynamic coa-
lescence during blending is strongly suppressed in these
immiscible copolymer/homopolymer blends. Yet, the obtained
dispersions are thermodynamically unstable and spontaneously
evolve toward macroscopic phase separation when heated above
T, ps in the absence of shear. This has important implications
from a processing standpoint since it means that melt temper-
ature and cooling rates largely determine the ultimate morphol-
ogy and properties.

For the film geometry investigated here, which is very far
from equilibrium but common in applications involving such
copolymers, highly ductile blends are obtained which are
structured at the nanometer scale. Their tensile behavior reveals
a nonlinear evolution of strain to break with copolymer content,
which is accompanied by a distinct transition in deformation
mechanism, from crazing (Figure 5a) to homogeneous shear
yielding (Figure 5b) at a critical copolymer concentration which
depends on the copolymer molecular architecture. Interestingly,
we found that we could directly correlate this behavior with
the effective volume fraction of soft microdomains & measur-
able for each blend or copolymer by dynamic mechanical
testing. We indeed showed previously that modeling dynamic
mechanical data with a Kerner composite equation*' combined
with the Gordon—Taylor equation*? for T, could be used to
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extract @ and composition profiles across microdomains of the
pure copolymers studied here.* To this end, a simplified Kerner
equation was used:

E (1)~ E(T)
D= DT oED

where E. and E,, are the pure copolymer and pure PS moduli
experimentally measured at T by DMA, and o. = 2(4 — 5v,,,)/
(7 — 5v,,) where vy, is the matrix’s Poisson ratio, taken to be
0.33. At 25 °C, the temperature at which tensile tests were
carried out, DMA data and eq 3 yield as much as 58 vol % soft
phase for S1GS2, against 40% for S1BS2 and only 23% for
the SBS used here.*? Clearly, this measure is more relevant than
the almost constant PB content to explain the observed
differences in modulus, yield strength and strain to break shown
in Figure 1 and reported in Table 2 for the neat copolymers.

The volume fraction of soft microdomains for each blend
composition studied here can also be determined by modeling
dynamic mechanical data. Alternatively, a simple estimate can
be obtained by multiplying the fractions listed in Table 2 for
each pure copolymers by the blend copolymer content. The
evolution of tensile modulus and elongation to break of S1GS2,
S1BS2, SBS and their blends with PS are plotted as a function
of these estimated soft phase volume fractions in Figure 7. While
these properties followed individual curves for each copolymer
when plotted as a function of copolymer content (Figure 6), a
much more universal trend is now obtained as a function of
soft phase fraction. Pure copolymer properties also fit into this
curve, indicating that the fraction of soft microdomains is indeed
a key parameter that governs mechanical properties of these
materials, at least under the testing conditions used. A value of
~40 vol % can be extracted from Figure 7b as the critical soft
phase fraction above which the mechanical behavior of these
blends changes from ductile to highly ductile and from crazing
to shear yielding.

To further demonstrate the role of the soft phase fraction on
mechanical properties of these blends, additional tensile tests
were carried out on S1GS2/PS100H45 blends at a slightly higher
temperature. Upon heating from 77 to 75, an additional fraction
of copolymer microdomains and interphase softens, which
manifests itself in a reduction of the tensile modulus measured
by DMA. The corresponding new fraction of soft microdomains
at T, ®r,, is easily calculated with eq 1. A temperature of 45
°C was chosen for T, since it would provide a measurable
increment in soft phase volume fraction of the copolymer, from
58 to 62 vol %, while keeping the intrinsic mechanical behavior
of the PS matrix unchanged.**** Figure 8a compares the strain
to break of S1GS2/PS blends of different compositions at 25
and 45 °C. It can be seen that this small change in temperature
induces a shift in the evolution of strain to break with copolymer
content of about 10 wt %. In other words, the fraction of
copolymer needed to induce a highly ductile behavior is by ~10
wt % lower at 45 °C. If the strain to break is plotted as a function
of soft phase volume fraction, as done in Figure 8b, the curves
are only shifted by ~ 4 vol %, i.e., the increment of soft phase
caused by the change in temperature. This further confirms the
key role played by soft phase content in these nanostructured
blends. It also confirms the existence of a temperature-depen-
dent critical soft phase fraction to obtain shear-yielding and a
highly ductile behavior in these blends. Although this falls
outside the scope of the present study, it is expected that this
fraction will also change with strain rate, loading conditions,
and surely even processing conditions.

It is interesting to confront these results with the recent
literature on rubber toughened PS. For injected blends of PS
and star-shaped asymmetric gradient copolymers, Adhikari et
al. indeed reported a very good correlation between ductility

3

Styrene—Butadiene Gradient 9829

and the average PS ligament thickness.? The latter corresponds
to the average distance between soft (PB-rich) microdomains.
The dispersion consisted in highly oriented alternating PS-rich
and PB-rich sheets for which an average interlayer distance
could be easily calculated. They found a transition from crazing
to homogeneous shear-yielding of PS as the PS sheets thickness
fell below 30 to 20 nm. This result can be related to recent
numerical simulations of the deformation mechanisms of PS,
which suggest a brittle to ductile transition below a critical PS
ligament thickness of 15 nm.*® Unfortunately, this average PS
ligament thickness or interparticle distance could not be
determined for the fine and rather isotropic dispersions studied
here and shown in Figure 9 for a series SIGS2/PS blends. The
Fourrier transform of these micrographs does not yield a
characteristic interparticle distance, nor does SAXS. Yet, close
inspection of the morphologies shown in Figure 9 suggests that
connectivity of soft microdomains might be an important
parameter. Up to 60 wt % block copolymer in the blend, soft
microdomains for spherical and wormlike micelles which do
not seem connected. Above 68 wt %, i.e., where ductility starts
to strongly increase in PS100H45/S1GS2 blends, connectivity
becomes evident on TEM micrographs. This suggests that,
besides confinement of the PS matrix, percolation of soft
microdomains is also necessary to achieve high ductility in the
nanostructured blends studied here.

V. Conclusions

The mechanical behavior of immiscible blends of high
molecular weight PS homopolymer with linear symmetric
(SBS), asymmetric (SI1BS2) and gradient (S1GS2) triblock
copolymers of styrene and butadiene of constant molecular
weight and composition (~72 wt % PS) was studied. Solvent
cast and annealed blends were opaque and indeed showed
macroscopic phase separation and deteriorated mechanical
behavior. In contrast, extruded sheets of these blends were tough
and transparent and displayed fine metastable dispersions of PB-
rich microdomains in the PS matrix. These nonequilibrium
dispersions are highly dependent on processing conditions and
subject to coalescence and macroscopic phase separation upon
thermal annealing under static conditions.

The particular molecular architecture of the triblocks studied
here, namely PS end-blocks asymmetry (for SIBS2) combined
with a gradient middle block (for S1GS2), were shown to be a
practical route to impart toughness to these PS-rich copolymers
and their blends with PS. The classical SBS of equivalent
molecular weight and composition is indeed intrinsically too
brittle to toughen PS. Despite its softening effect, the gradient
middle block highly contributes to ductility and strains to break
of several hundreds percent were measured for blends containing
more than 68 wt % gradient triblock copolymer S1GS2. This
was accompanied by a distinct change in micromechanism of
deformation, from crazing to shear yielding. More than 90 wt
% of the asymmetric triblock S1BS2 were necessary to achieve
the same behavior in SIBS2/PS blends.

The volume fraction of soft microdomains, as determined by
modeling dynamic mechanical data of pure copolymers and
blends with a simple Kerner composite equation, was found to
successfully correlate with mechanical behavior. Hence, below
soft phase fractions of about 40 vol %, ductility is moderate
and the blends undergo crazing and extensive whitening upon
tensile loading. Above this critical soft phase fraction, the blends
become excessively ductile and undergo shear yielding and neck
propagation. No whitening occurs in this case. For a given
composition, molecular architecture of the copolymer strongly
affects the fraction of soft microdomains and thus the mechanical
behavior. The largest fraction was obviously achieved for the
gradient asymmetric triblock for which S and B monomers are
mixed in the longer tapered middle block.
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It is tempting to relate the notion of critical soft phase fraction
reported here to the critical PS ligament thickness recently
predicted by numerical simulations by van Melick et al.*® and
experimentally observed by Adhikari et al.>®*' for similar
though much less ductile blends. Unfortunately, the very fine
isotropic dispersions of soft microdomains produced by extru-
sion do not yield a simple measure of such distance for the
blends studied here. The critical fraction of soft microdomains
is probably a volumetric equivalent of this distance. It is
expected that this critical fraction of soft microdomains will
vary with testing speed, temperature, and certainly processing
conditions.
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